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ABSTRACT: The experimental anelastic relaxation behavior of linear polyethylene is analyzed phenome-
nologically. The (isochronal, torsion pendulum) dynamic shear modulus data of Illers on specimens covering
a wide range of crystallinities were fit to an empirical equation that incorporates relaxed and unrelaxed moduli,
a central relaxation time, and a width parameter (all temperature dependent) for each of the o, 8, and v processes.
The fits achieved were good and allow discussion of the relaxation characteristics of each process. The variation
of the unrelaxed and relaxed shear moduli with crystallinity shows that all three processes have amorphous-phase
origin mechanically (although deeper connection with the crystal phase for the o process is discussed). A
composite model that bounds the modulus of lamellar structures was used to analyze the crystallinity variation,
and estimates of the unrelaxed and relaxed moduli of the amorphous phase, as it behaves in the semicrystalline
environment, were determined for the «, 8, and v processes. The relaxed amorphous-phase shear modulus
for the 8 process is ~100 MPa at 300 K, a value similar to the relaxed rubbery-phase modulus above (in
temperature) the 3 glass—rubber relaxations in other semicrystalline polymers that have been analyzed. The
88 process is very broad in the frequency domain, even somewhat more so than in other semicrystalline polymers
(which all have very broad 8 processes). The 8 process in LPE lacks overall prominence in isochronal scans
relative to some other semicrystalline polymers because it is somewhat broader, its relaxation strength is reduced
by the v process being somewhat stronger, and the presence and proximity of the « process tend to obscure
the modulus increment. Further, the relative prominence of the 3 process is insensitive to crystallinity variation
because «, 8, and vy all correlate as amorphous processes. However, the relaxational characteristics are
quantifiable and similar to the amorphous-fraction glass—rubber relaxations in other semicrystalline polymers.

The relaxation properties of semicrystalline polymers
are a subject of continuing interest. In polymers that
crystallize very rapidly (and cannot easily be quenched to
below the maximum in the crystallization rate vs. under-
cooling curve) to high degrees of crystallinity there tend
to be at least three relaxation processes. These are labeled
a, B, and v in descending order with temperature iso-
chronally.? The « process is commonly agreed to be
connected to the presence of the crystalline phase.!® The
8 process is often presumed to be the glass-rubber relax-
ation in the residual uncrystallized amorphous frac-
tion.51%13 The v process is known to also involve the
amorphous fraction,®41% although a partial origin in the
crystal has been proposed.®!* Linear polyethylene (LPE),
no doubt by virtue of its appealing structural simplicity
and its technological importance, has engendered a large
number of studies of both its crystallization and its re-
laxation behavior. It is therefore probably the most im-
portant member of this class of polymers. In linear
polyethylene it can now be concluded that for practical
purposes the v relaxation is entirely of amorphous-phase
origin.!® Like other members of the class of easily crys-
tallizable polymers, in LPE when the relaxation behavior
is plotted isochronally vs. temperature in order to simul-
taneously display all the relaxation processes, the 8 process
is not prominent in comparison with the « and v processes.
This has led several investigators!®!” to question its ex-
istence in LPE and to therefore describe the more prom-
inent vy process as the glass transition in the amorphous
fraction. Although isochronal relaxation scans do indicate
the presence of a 3 relaxation, the question could be a
purely semantic one if the glass transition is defined as the
most prominent amorphous-phase relaxation. However,
conceptually the question goes deeper. In many crystalline
polymers the equivalents of the 8 and + relaxations are
both prominent and easily observed and described. A
hypothesis that rationalizes profound differences in be-
havior between the v and 3 relaxations is that the 8 process

*Dedicated to Walter H. Stockmayer on the occasion of his 70th
birthday.

involves longer range, generalized segmental chain motions
via bond rotations akin to the glass—rubber relaxation in
wholly amorphous polymers while the 4 process involves
shorter range, more localized motions in a matrix that is
quiescent with respect to generalized segmental motion
(akin to subglass relaxations in wholly amorphous poly-
mers). It is therefore important to determine to what
extent this language is appropriate to easily crystallizable
polymers like LPE. It is known that in cases where the
completely amorphous counterpart of a semicrystalline
polymer is available for comparison (via quenching,'®-2!
melting,? or copolymerization?®%), the 3 relaxation in the
crystalline specimen is still present but is enormously
broadened and somewhat displaced to higher temperature
(isochronally) compared to the wholly amorphous ones.
This is obviously the result of immobilization of the
amorphous phase by the presence of the crystal phase.
This immobilization not only has a dynamic character
(broadening and displacement of relaxation times) but also
results in a dramatic increase in the relaxed rubbery mo-
dulus of the amorphous phase.? It would be particularly
interesting to be able to describe quantitatively, in LPE,
the broadness and the relaxed modulus (i.e., the relaxation
strength) of the 8 process. Then its behavior could be
placed in context with other crystalline polymers.

It turns out to be quite possible to adequately analyze
the mechanical relaxation behavior of LPE and thereby
resolve the contributions of the various processes and
assign relaxation strengths and relaxation parameters to
the individual «, 8, and 4 relaxations. The present work
reports the results of such as analysis. In addition, we have
taken advantage of a recently proposed method?’ for rep-
resenting the mechanical response of lamellar semicrys-
talline polymers in terms of their separate crystalline and
amorphous phases in analyzing the specimen relaxation
strengths in terms of phase origin.

Analysis of the Anelastic Relaxation Behavior of
LPE

We begin with a discussion of the data available. Most
of the appropriate data consists of isochronal scans through
temperature of the dynamic shear (G*) or tensile modulus
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(E*). In the context of assigning phase origin, studies on
specimens of widely varying crystallinity are important.
Here there is available quite a bit of data concerning G’
and G” vs. temperature taken in the torsion pendulum (at
~1 Hz).13-1528-31 Indeed most of the discussions of the
mechanical relaxations in LPE center on these isochronal
plots from the torsion pendulum. There is no basic dis-
agreement in the data among the major studies. In fact
data on similar specimens agree rather well. A single study,
that of Illers,3! encompasses a wider range of crystallinity
than the others and agrees with them in their range of
crystallinities. Therefore we use Illers’ data as repre-
sentative of isochronal G* behavior as a function of tem-
perature and crystallinity. Only for the « process are there
appropriate time- or frequency-domain data. Nakayasu,
Markovitz, and Plazek?®® measured dynamic shear (J*) and
creep (J(t)) compliance on a single specimen and McCrum
and Morris® measured J(t) at essentially one crystallinity.
We will use their data as a check on the relaxation pa-
rameters determined from the isochronal scans.

It seems not to be generally appreciated how much in-
formation can be extracted from isochronal scans, espe-
cially if a few simplifying assumptions are justified. In our
case the analysis is fairly straightforward if it is assumed
that the relaxation processes are symmetric (about log
Wpey) in the frequency domain. In dielectric studies on the
v and f processes in crystalline polymers3?225:3435 thig
appears to be the case. More directly, this assumption
leads to good fits of log G’ and log G” vs. temperature in
crystalline polymers where the § process is well resolved,
and some a priori knowledge of temperature dependence
of relaxation time is available.?

As is well established in dielectric studies there is a great
advantage in data representation in utilizing a paramet-
erized empirical relaxation function. An equation em-
bodying the symmetry in log w conjectured that has been
applied to both ¥ and B processes in crystalline polymers®
is

G* - GR = (GU - GR)(iWTO)a/(l + (inO)ﬁ) (1)

where 7° is a central relaxation time, & is a width param-
eter, and Gy and Gy are unrelaxed and relaxed shear
moduli, respectively. This equation is immediately rec-
ognizable as the generalization of the familiar dielectric
Cole—Cole equation® to a relaxation process rather than
a retardation one. In its utilization we allow for temper-
ature variation by writing

log Gy = log Gy + Sy(T - Ty) (2a)
log Gg = log Gg° + Sg(T - Ty) (2b)
a=a'+a(T-Ty (2¢)

log = A/(T-T.) + B (2d)

where T is an arbitrary reference temperature and Sy, Sg,
and & are linear temperature coefficients.
Similtaneously fitting G’ and G” is fortunately rather
demanding or discriminating of parameters. Relaxation
location along the temperature axis (e.g., peak location)
tends to fix A/B (eq 2d, T fixed). The apparent width
of the relaxation along temperature responds to activation
energy, 2.308RAT?/(T - T.)? and to the frequency-domain
width paramter, & However, increasing the activation
energy sharpens the G” plots vs. T by decreasing the area
under them! but leaves G*,; (at wr® = 1) unchanged. In
contrast, increasing @& sharpens the plots but increases
G pax 88 well. Changes in log G’ with temperature due to
temperature dependence of G and Gy tend to be distin-
guishable from changes with T due to relaxation because
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of different effects on log G”. Finally, it is important to
note the effect of temperature dependence of @ on the
shape (symmetry) of the temperature plots. For an Ar-
rhenius behavior of log 7°, plots vs. log w or 1/T (i.e., log
{(wr)) with other parameters temperature independent have
the same shape and are therefore symmetric in 1/7. A
plot vs. T is skewed toward higher temperature. The effect
of & increasing with temperature is to counter this skewing
or even reverse it, resulting in skewing of G” toward low
temperature in isochronal plots. We believe that it is the
well-known tendency for relaxations to narrow with in-
creasing temperature (@ increasing) in crystalline polymers
that is largely responsible for the low-temperature-side
skewing of the vy processes in these polymers. In addition
to this skewness, however, there is sometimes an indication
of some structure in the form of an inflection or shoulder
on the low-temperature side of the v peak. This appears
to be a phenomenological effect due to a low-temperature
cutting-off of the drop of the & parameter with decreasing
temperature. We have incorporated this effect into the
fitting equations by altering eq 2c for the v process only
as

a=a+ [@AT + (&' 2AT? + k)2 /2 (2e)

where AT = T - T, and T, in this instance is now a tem-
perature selected to be on the low-temperature side of the
v peak to produce the proper shape. This equation pro-
vides for a transition between linear proportionality of &
with T at higher temperature (>»T;) and a = &, at low
temperature («<Ty). The parameter k controls the
sharpness of the transition. A value of £ = 0.001 was
selected as giving satisfactory behavior.

In fitting an individual specimen an initial set of pa-
rameters was determined by adjustment interactively
against computer-generated plots. Then in a least-squares
refinement, Newton—Raphson iteration was used to reduce
the residuals of the calculated and experimental values.
As an illustration of the application of eq 1 to previously
well-characterized relaxations in semicrystalline polymers,
we have fit it to the 8 subglass and the «, glass-rubber
relaxation in poly(ethylene terephthalate) (PET). The
isochronal torsion pendulum data of Illers and Breuer!®
were used. The &, and A parameters for the 3 process were
not unique in the least-squares adjustment, a consequence
of the small relaxation strength of the 8 process in this
polymer. Therefore we constrained A(B3) at 2800, the value
found from dielectric measurements.’® The least-
squares-adjusted parameters found were log G° = 0.23,
Sy = -1.8 X 10, log Gg° = 0.04, Sg = -2.0 X 104, &, =
0.066, & = 2.07 X 1073, T, = 150 K (in eq 2a,b,d,e,), A =
2800 (not adjusted), B = -16.30, and T.. = 0 (asumed
Arrhenius behavior) for the 8 process and log Gy = —0.51,
Sp=-1.6%x107% a°=0.154, &’ = -2.0 X 104, T, = 850
K (in eq 2a-d), A = 3233, B = -26.87, and T.. = 244 K
{taken from dielectric measurements and kept fixed) for
the a, process. Comparison of this parameterization of eq
1 with the experimental data is displayed in Figure 1. The
fit is excellent, nearly to within experimental error. The
converged values of A and B for the «, process were very
close to the dielectric values 3214 and —27.10 (and T'. =
244 K)¥,

In our work here on LPE we write G* as the sum of
three terms as in eq 1, one each for the «, 8, and v pro-
cesses. As a trial value for the y process we took log 7%(v)
= 3270/T + B(y). This is Arrhenius behavior (T, = 0)
and A(y) = 3270 implies H*(v) = 15 kcal mol™! (62.8 kJ
mol1}, a value typical of dielectric results for the process.®
For the a process we took log %(a) = 6000/7T + B(v),
Arrhenius behavior with AH*(«) = 27.5 kcal mol™ (115 kJ
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Table 1
Mechanical Relaxation Parameters for Linear Polyethylene v Process®

sample crystallinity log Gy® Syx10* log Gg°® S x 10¢ o, a'x 10° A B
1 0.48 0.54 -1.0 -0.06 -0.5 0.06 4.2 2413 ~20.3
2 0.60 0.50 -1.0 0.00 -1.5 0.07 3.3 2749 -22.2
3 0.66 0.50 -1.0 0.09 -1.5 0.07 3.4 3062 -23.8
4 0.72 0.50 -1.0 0.14 -1.5 0.06 3.3 2994 -22.9
5 0.79 0.52 -1.0 0.22 -1.5 0.06 2.9 3916 -28.1
6 0.87 0.53 -1.0 0.29 -1.b 0.07 3.0 3565 -25.4
7 0.92 0.53 -1.0 0.39 ~0.5 0.07 3.7 2737 -20.3
8 0.96 0.65 -1.0 0.41 -0.5 0.06 2.2 3000 -22.1

¢ Parameters for eq 2a,b,d,e; T, = 120 K, T, = 0. Units of G are GPa.
Table II
Mechanical Relaxation Parameters for Linear Polyethylene g Process?

sample log GgR°® Sy x 10* Sg" x 10° @, 3’ x10° T, A B T, Tg®
1 -0.30 -1.5 ~-3.3 0.17 1.3 250 335 - -8.2 160 201
2 -0.22 -1.0 -4.8 0.15 1.0 260 375 -8.3 160 205
3 -0.17 -1.0 -4.6 0.14 1.1 270 408 -10.0 160 201
4 ~0.07 -1.0 -3.7 0.15 1.2 270 462 -10.0 160 206
5 -0.00 -0.5 -4.8 0.18 1.3 290 428 -11.2 160 198
6 0.08 -3.0 -3.5 0.19 1.2 290 471 -11.2 160 202
7 0.20 -1.0 -4.4 0.13 0.9 290 400 -11.4 160 195
8 0.28 -1.0 -3.1 0.21 1.4 290 416 -9.7 160 203

¢ Parameters for eq 2a-d; Sy is to be used below T, Sg* above.
A low-temperature cutoff ona of 0.05 was used.

SR values for the v process (Table I).
at which log 7° = 0.

mol™), a value consistent with both mechanical®>® and
dielectric® studies. The mechanical o process is complex,
showing evidence of two processes (a and o/, McCrum and
Morris®; o; and oy, Nakayasu et al.®?). Illers’ data extend
only to temperatures embracing primarily the lower pro-
cess. We have only attempted to fit this one (a or o) and
have ignored the higher temperature one (o’ or ay). Itis
evident that for the a process both the unrelaxed and
relaxed moduli are fairly strongly temperature dependent.
MecCrum and Morris took both to have the same slope vs.
temperature in analyzing their data and constructing a
master creep curve. We follow them in making this as-
sumption. However, the high slope Sy for log Gy for the
a process cannot continue to low temperature and be
consistent with the observed isochronal moduli, and
therefore eq 2a is inadequate for the temperature depen-
dence. We have incorporated this more complicated tem-
perature dependence in the simplest way possible by using
two slopes for Sg(8) (=Sy(a)), one, Sg*(8), above T, and
another, Sg™(8), below T;,. McCrum and Morris had con-
fidence in the premise that they had constructed a
meaningful master creep curve and Nakayasu et al. had
similar confidence in a master J(w) curve. This implies
a is temperature independent for the « process, and we
have taken &’ (o) = 0.

In summary, we have the following parameters for ad-
justment for each specimen: “strong” parameters, log
GUO('Y)a 108 GRO(a’ﬂy‘Y), B(ayﬁy’y)’ A(ayﬂsy)y Tm(ﬂ)’ and t_Xo-
(@,8,v); “intermediate” parameters, Sg*(8) = Syla) = Sg(e)
and &'(v,8); and “weak” parameters, Sy(y), Sg(y), and
Sr(8). The parameter T.(0) was effectively dropped from
the list by keeping it fixed in the adjustments of other
parameters but trying several values overall. The value
of 160 K was settled on for all specimens. A value of this
order is demanded by the data in order to attenuate the
low-temperature side of the 3-process G’ (or tan 8) curves.
Otherwise the observed sharp high-temperature side of the
v-process G could not be accommodated. In the least-
squares refinement all of the strong and intermediate
parameters were varied except A(a) and &y(e). The initial
A value and the &, value from the interactive adjustment

log Gy° and Sy; are equal to corresponding log Gr° and
b Defined here as the temperature

(GFA)

LOG G=
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Figure 1. Cole-Cole equation fitting of the dynamic shear mo-
dulus of semicrystalline poly(ethylene terephthalate) (torsion
pendulum, ~1 Hz). log G” (lower curve) is displaced upward in
plotting by 1.0. The points are representative of the experimental
data of Illers and Breuer (ref 18, sample 9); the curves are cal-
culated from eq 1 and 2a—e (see text for parameters used).

seemed to give quite good results and were not further
adjusted. As was the case for PET, in LPE sample 8, the
relaxation strength of the v process was so small that the
A and @&, parameters were not unique, and A was con-
strained at 3000 in this one sample.

Data reported by Illers® on eight specimens covering the
crystallinity range 48-96% were fit. The parameters de-
termined are listed in Tables I-III. The fits for log G’and
log G” are displayed in Figures 2 and 3.

As a check on our parameterization we have calculated
J*(w) = G*(w)! for comparison with the data of Nakayasu,
Markovitz, and Plazek?? and J(t) for comparison with the
results of McCrum and Morris.?® The sample studied by
Nakayasu et al. had a density close to that of sample 5 of
Tables I-III. Their data are compared in Figure 4 to
curves calculated with the parameters of sample 5 but with
B for the a process changed to —-19.0 from -18.5. This
corresponds to a small shift along the frequency axis. With
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Table IIT
Mechanical Relaxation Parameters for Linear Polyethylene o Process®
sample log Gg° Sg x 10° &, o’ X 10? T, A B
1 -1.00 -3.3 0.36 0.0 250 6000 -19.3
2 -0.88 -4.8 0.40 0.0 260 6000 -18.5
3 -0.84 -4.6 0.40 0.0 270 6000 -18.4
4 -0.70 -3.7 0.40 0.0 270 6000 -18.5
5 -0.60 -4.8 0.40 0.0 290 6000 -18.5
6 -0.45 -3.5 0.40 0.0 290 6000 -18.7
7 -0.12 -4.4 0.40 0.0 290 6000 -18.5
8 -0.07 -3.1 0.40 0. 290 6000 -18.7

@ Parameters for eq 2a-d; log G° and Sy are equal to corresponding Gg" and Si values for the 8 process (Table II);

T. = 0.
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Figure 2. Dynamic storage shear modulus of linear polyethylene
(torsion pendulum, ~1 Hz). Points are representative of the data
of Illers (ref 31). The curves are calculated from eq 1 and 2a-e
(generalized to three processes). The parameters are from Tables
I-111. The numbering of the curves corresponds to the sample
numbers in the tables. For clarity of plotting, each ordinate (log
G’ has been displaced upward by 0.1(N - 1), where N is the
sample number.
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Figure 3. Dynamic loss shear modulus of linear polyethylene.

Same details as Figure 2 but upward shift of ordinates (log G*)
is 0.3(N - 1).

this adjustment the agreement between the experimental
dynamic data (covering 5 decades of frequency and tem-
peratures covering the o; region) and the curves with pa-
rameters determined from the isochronal torsion pendulum
scans is quite satisfactory.

The creep compliance J(t) was calculated via®

J& = f LinnA-ev)dlnr+dy @

LOG J'iGPa)t

LOG f (Hz)

Figure 4. Dynamic compliance of linear polyethylene in the
a-relaxation region. Isothermal scans at five temperatures (2.3,
15.5, 29.0, 40.4, and 50.5 °C) vs. frequency. Points are repre-
sentative of the data of Nakayasu, Markovitz, and Plazek.® The
curves are calculated from eq 1 and 2a-e using the parameters
of Tables I-III for sample 5 (which is close in density to the sample
of ref 32), but with B(a) = —19.0. Dashed curves show onset of
the ay process at the highest temperature.

where L(In 7) is the spectrum of logarithmic retardation
times. The latter was found analytically in terms of the
parameters of eq 1 (extended to three relaxation processes)
from?3®

Lin ) = %}.[J*(ef"/r) — J*(e™ /)] @)

as
L(ln T) = l/W(bl + bz + b3)/[(Ge + a, + Qg + a3)2 +
(b + by + b3)?] (5)

where a; = !/4(Gy - Gg);[cos &7 + exp(a; In s;)]/[cosh (&
Ins;) + cos @], b, =1/5(Gy - Gg); sin a;w/(cosh (& In s;)
+ cos &;7); the subscripts i = 1-3 refer to the three re-
laxation processes v, 8, and «, G, is the relaxed modulus
after all three processes (=Gg(a}), and s; = 7,%/7. The
integration of eq 3 was carried out numerically. The re-
sulting creep curves at 20 °C for samples 5 and 6 of Table
I-IIT are compared with the master creep curve of McCrum
and Morris? (also at 20 °C) in Figure 5. These samples
have densities bracketing that of the sample of McCrum
and Morris. The agreement is quite good up to the point
where the higher temperature o’ process begins to con-
tribute to the creep compliance in McCrum and Morris’
work. As we stated, Illers’ data does not permit including
it in our analysis. The agreement is especially impressive
because the master creep curve construction by McCrum
and Morris required major vertical shifts as well as hori-
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Log t sec)

Figure 5. Creep curve J(t) of linear polyethylene at 20 °C (a-
relaxation region). Solid curve is master creep curve constructed
by McCrum and Morris from their experimental data.® Dashed
curves are calculated from eq 3 and 4 of text using parameters
of Tables I-III for samples 5 and 6 (which bracket the density
of the sample of ref 33).

zontal ones. This is due to the relatively strong temper-
ature dependence of Jy and Jy, for the o process.

Variation of Relaxation Strength with
Crystallinity

The morphological assignment of the relaxation pro-
cesses to the amorphous or crystalline phases by assess-
ment of the variation of observed relaxation strengths with
crystallinity has been discussed previously.!4!¢ In our own
discussions variation of the storage modulus G’ at various
temperatures (rather than limiting relaxed and unrelaxed
moduli) with crystallinity was considered.'® However, it
was clearly apparent that the v process must have its origin
in the amorphous fraction. It was also concluded that the
softening accompanying the o process was in the amorp-
hous phase. No resolution of the relaxation strength into
a contribution from the 3 process was attempted. Now
that we have what we believe are reliable values of spec-
imen relaxation strengths for all three processes, we can
attempt phase assignment for all three in a unified manner.
In Figure 6 we plot the experimentally determined unre-
laxed and relaxed specimen moduli vs. crystallinity. It is
immediately apparent from these plots that Gy(y) and
Gr(B) both converge at high crystallinity on the unrelaxed
modulus Gy, for the crystal phase, showing that both the
v and 8 processes have amorphous-phase origin. The same
conclusion appears reasonable for the « process as well
(Gg(e)). It obviously has strong amorphous-component
character to it. But because of the lower values of Gg(«),
convergence to Gy, at 100% crystallinity indicating ex-
clusive amorphous-phase origin is not as certain. We defer
to application of theoretically based expressions for crys-
tallinity variation of modulus for more guidance on this
point. A further point of considerable interest in the
context of application of equations for modulus variation
with crystallinity is determination of the effective modulus
of the amorphous phase as it behaves in the semicrystalline
environment. In making these assessments, we require a
“mixing equation” for combining the separate phase
moduli into specimen modulus. Various approaches to
mixing equations have been discussed before.’® In the
work here we take advantage of a recent treatment of the
mechanical response of semicrystalline polymers that have
locally lamellar morphology.”” The method results in
bounds on the specimen moduli. These bounds are much
tighter than the crude Reuss (volume fraction additivity
of phase compliances) lower bound and Voigt (volume
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Figure 6. Relaxation strengths vs. crystallinity (V,) in linear
polyethylene. Plot 1 is the unrelaxed shear modulus for the v
process (at 175 K), Gy(y). Plot 2 is the relaxed shear modulus
for the vy process Gr(y) = the unrelaxed shear modulus for the
B process, Gy(8) (175 K). Plot 3 is the relaxed shear modulus
for the 8 process Gr(B3) (at 175 K): Plot 4 is the same quantity
as plot 3 but at 300 K = unrelaxed shear modulus for the & process,
Gyla). Plot 5 is the relaxed shear modulus for the o process (300
K). The points are for the eight samples of Tables I-III. The
curves are calculated ones using the lower bound equations for
the lamellar morphology of ref 27. Amorphous-phase modulus
(Gy) values used are indicated by left-hand ordinates for each
curve.

fraction additivity of phase moduli) upper bound. The
treatment also explicitly incorporates the extreme me-
chanical anisotropy of polymer crystals. Input for calcu-
lation of the bounds is the elastic constant matrix of the
crystal, the shear modulus, and Poisson’s ratio of the
(isotropic) amorphous phase and the volume fraction
crystallinity. Because it is apparent from Figure 6 that
the v and 3 processes are amorphous phase in origin and
to see if the relaxed a-process modulus can be represented
as an entirely amorphous one, we suppose that the crystal
elastic constants show no relaxation processes and use
numerical values reported before.2’” Approximating
Poisson’s ratio by 0.33, the only free parameter then is the
shear modulus of the amorphous phase, G;. The curves
in Figure 6 are calculated ones from the lower bound la-
mellar morphology equations?” that use for each curve a
single crystallinity-independent value of G;. The fit of
these curves is seen to be very good, including that for the
relaxed a-process shear modulus.

The application of the upper lamellar bounds resuits in
poor fits. This is because of the extreme crystal mechanical
anisotropy. The modulus in the c-axis direction (~300
GPa) is many times higher than in the transverse direc-
tions (~5-10 GPa). The lower bound estimate of the
100% crystalline isotropic aggregate is dominated by the
transverse values whereas the upper bound estimate is
dominated by the fiber modulus. Thus there is a wide
divergence of the bounds at 100% crystallinity. Fortu-
nately this divergence takes place vs. crystallinity only at
quite high crystallinity values where the upper bound
swings sharply upward. Experimentally it seems clear that
this upswing in specimen modulus as 100% crystallinity
is approached does not take place and that the lower
bound estimate is close to the correct value. Furthermore,
it is found that the lower bound equation gives a much
better representation of variation of specimen modulus
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Figure 7. Limiting moduli vs. crystallinity. Same details as
Figure 6 except that the curves are calculated ones for behavior
intermediate between lamellar lower and upper bounds (¢ = 100
in eq 6). log G, values (left-hand ordinates) used for curves 3,
4, and 5 are -2.3, -2.7, and -3.6, respectively.

over wide crystallinity ranges with a single crystallinity-
independent value of the amorphous-phase modulus than
does the upper bound equation. We conclude either that
the specimens change from lower toward upper bound
behavior with accompanying amorphous modulus changes
as crystallinity decreases or that the lower bound behavior
is inherently closer to the truth. As an illustration of these
effects we plot in Figure 7 the variation in modulus for a
system that is intermediate between lower and upper
bound in behavior over all of the crystallinity range and
has a fixed amorphous-phase modulus. If the specimen
shear modulus predicted by the lamellar upper bounds is
denoted Gy, and that from the lower bound as Gjgyer,
intermediate behavior can be represented by a Halpin—
Tsai-like®® equation where

G=(01+ EGupper)/(f + 1/ Grower) (6)

and £ is a parameter specifying the degree of approach to
either bound (¢ — 0, G — Giower; £ = ©, G = Gypper)- In
Figure 7 the curves shown are calculated for £ fixed at 100
and G, fixed at each temperature. The fits, especially for
curves 1-4, are not as good as for £ = 0 lower bound be-
havior (Figure 6). For £ > 100 the fits are progressively
worse.

Discussion of the Relaxation Behavior of Linear
Polyethylene

It is of interest to place the mechanical relaxation
strengths and relaxation parameters of linear polyethylene
in context with those in other semicrystalline polymers,
and this we attempt in the ensuing discussion.

Dynamic Relaxation Parameters. A “loss map” for
one of the samples analyzed here is shown in Figure 8
where log 7, is plotted vs. 1/T for the three processes. Also
shown are the corresponding values® for the dielectric «
and v processes in a specimen of similar density (and
containing a few carbonyl groups). No dielectric param-
eters for the 8 process were reported.® In figure 9 com-
parison is made with the 8- and vy-process values for
poly(hexamethylene adipate) (“6—6 polyester”)?:2¢ and
poly(hexamethylene sebacate) (“6-10 polyester”).# These
linear aliphatic semicrystalline polymers have well-quan-
tified 8 and v processes in similar temperature ranges as
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Figure 8. Loss map for linear polyethylene, sample 5 (Tables
I-1ID). log 7y vs. 1/T for the a, 3, and v processes. The dashed
curves for the a and v processes are dielectric results for a (C=0
dipole decorated) sample of similar density (ref 5, sample 94-1A).
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Figure 9. log 7y vs. 1/T for linear polyethylene, sample 6 (LPE),
v and B processes compared with some other polymers. (PEO
= poly(ethylene oxide), PPO = poly(propylene oxide), 6-10 =
poly(hexamethylene sebacate), 6-6 = poly(hexamethylene adi-
pate); 7, assumed = 1/wg,, for PEO and PPO).
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Figure 10. 3 process width parameter (@) vs. temperature for
linear polyethylene, sample 5. Also shown are width parameters
for the glass-rubber relaxation in semicrystalline PET and 6-6
aliphatic polyester.

LPE. Also shown for comparison as polymers with the
glass-rubber relaxation in a similar range are (amorphous)
poly(propylene oxide)*! and (semicrystalline) poly(ethylene
oxide).3442

The width in the frequency domain (& parameter) of the
B process in LPE sample 5 is compared with the widths
of the glass—rubber relaxations in 6-6 polyester and PET
in Figure 10. The & parameter for 6-6 polyester is from
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Figure 11. Amorphous-phase modulus in linear polyethylene.
Unrelaxed and relaxed values for the v, 8, and a processes. Upper
bound estimates from the lamellar lower bound fits in Figure 6.
Dashed curves are schematic of isochronal relaxation vs. tem-
perature.
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Figure 12, Amorphous-phase modulus in 6-6 aliphatic polyester
and PET. Unrelaxed and relaxed values for the v and 8 processes
(or the equivalent 8 and «, processes). These are also estimates
from lamellar lower bound equations.

ref 26 and for PET is that used for the fit in Figure 1. It
may be seen that the relaxations are extremely broad in
all of them and that LPE is the broadest of the three.

Relaxation Strengths. The strengths of the ¢, 8, and
v processes are conveniently discussed via the behavior of
the amorphous-phase modulus. In Figure 11 the unrelaxed
and relaxed amorphous-phase shear moduli, G, for the
three processes are shown. These are the lower bound
equation values used in Figure 6 and therefore are upper
bound estimates to G;. In Figure 12 a similar plot is shown
for 6-6 polyester and for PET. For the former? the G,
values are from a wide crystallinity variation (effected
through copolymerization) fit similar in vein to Figure 6.
However, for PET is represents G, behavior in the 40-50%
crystallinity range only. From Figures 11 and 12 it may
be seen that the relaxed amorphous-phase shear modulus
estimates are similar in all three polymers, being in the
neighborhood of 100 MPa and decreasing fairly strongly
with increasing temperature. Aside from LPE having an
observable « relaxation process, the major difference be-
tween LPE and the other two polymers is the strength of
the v relaxation, the process being stronger in LPE. The
lower relaxed value of G, for the v relaxation in LPE leads
to a compression of the strength of the 8 since the relaxed
value for the latter is similar to that of the other polymers.

Nature of the a Process. It is important to comment
on the assignment of the mechanical o process as involving
softening of the amorphous fraction. This assignment has
been made before'®43* and the present work is a step in
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Figure 13. Comparison (at 50 °C) of the dielectric (D) and
mechanical (M) relaxation time distributions for the a process
in linear polyethylene (sample 5, Table III; sample 94-1A, ref 5).

quantifying it more carefully. There is also incontrover-
tible evidence from mechanical, 4 dielectric,® and NMR#%
studies that the o relaxation involves and requires the
crystalline phase. The resolution of this apparent incon-
sistency has been commented on before.2'® However, it
needs reiteration here. It is apparent from Figure 11 that
the immobilization of the amorphous phase by the crystal
phase above the 8 process in temperature (relaxed G;, 8
process ~100 MPa) is indeed severe. The constraints
imposed by the connections to and even the prescence of
the crystals drastically limit the configurations available
to amorphous segments, and hence the relaxed amor-
phous-phase modulus is very high. The basic molecular
mechanism underlying the a process is known to be a
rotational, translational motion or step of the chains along
the ¢ axis in the crystal by half a unit cell.’ These ele-
mentary motions are immediately active and detectable
in the dielectric and NMR methods. However, the ele-
mentary steps do not immediately lead to the change in
shape of the crystal that would be required from me-
chanical activity assignable to the crystal phase. However,
accumulation of a number of these steps and hence ac-
quisition of ¢-axis mobility does lead to redistribution of
constraints on amorphous segments attached to the
crystals and allows further deformation of the amorphous
fraction. The dielectric relaxation times for the o process
as seen in Figure 8 are shorter than the mechanical ones
at the same temperature. The dielectric process, moni-
toring as it does the elementary steps directly, is nearly
single relaxation time whereas the mechanical process
requiring accumulation of steps is broader (but with re-
laxation times having the same activation energy). In
Figure 13 the spectrum of dielectric relaxation times is
compared to the spectrum of mechanical relaxation times
at the same temperature for specimens of similar density.
It may be seen that the idea that the dielectrically mea-
sured elementary process relaxation times lie at the onset
(shortest relaxation times) of the mechanical process is a
reasonable one. We can only speculate, but perhaps the
higher temperature yet o’ or «p process results from
enough accumulation of elementary steps to result in
change of shape of the crystal and hence in mechanical
activity directly assignable to the crystal fraction.
Prominence of the 8 Relaxation in LPE. Since there
has been a great deal of discussion concerning the ease of
detection of the 8 relaxation, it is worthwhile to recapi-
tulate the reasons why the relaxation experimentally is not
very prominent. First of all let it be reiterated that it is
clearly present; the experiments all show that.!3!52%31 The
question is why is it not more prominent in terms of loss
peak heights or modulus increments compared to the v
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Figure 14. Resolution of the mechanical response of linear
polyethylene (sample 5) into the component «, 38, and v processes.
Superposed on the log G’ curve are the unrelaxed and relaxed
moduli Gy(y), Gr(y) = Gy(B), Gr(B) = Gyla), and Gr(«) (Tables
I-1IT). Superposed on log G” are the individual contributions of
the a, 8, and v processes.

and « processes. The analysis of the present work shows
this to be the result of several factors operating in concert.
First, the process is broad in the frequency domain. All
crystalline polymers have very broad amorphous-phase
glass-rubber relaxations but in LPE the 3 relaxation is
somewhat more broad yet. Second, although the relaxed
B-process modulus appears to be comparable to that of
other crystalline polymers that have been investigated, the
unrelaxed value is fairly low due to the v process being
rather strong. Thus the relaxation strength is reduced
somewhat. Third, the proximity to the « process in iso-
chronal scans tends to hide the modulus increment and
also distort the loss peaks a bit. Finally we observe that
many of the comments on the presence of the 8 process
center on the effect of producing an extensive amorphous
fraction via thermal treatment (i.e., quenching of ultrahigh
molecular weight materials). Actually as shown in Figure
6 the observed relaxation strength does correlate quite well
with crystallinity. The relative prominence of the «, 8§,
and v peak heights does not change much because all three
correlate with crystallinity as amorphous processes. In
Figure 14 we superpose several curves that help visualize
the contributions of the various processes. On the G’ curve
are superposed the unrelaxed and relaxed moduli for the
three processes. On the G’ curve are superposed the
contributions of the individual «, 8, and v processes. The
slight inflection on the high-temperature side of the 8§ G”
curve is an artifact due to the discontinuity of the slopes
of the relaxed 8-process modulus at 290 K (Table III).
This would no doubt disappear if a smoother representa-
tion of Ggr(B) with temperature were invoked. It is in-
teresting to note that the maximum in G"(B) is displaced
to about 10 °C higher in temperature than the condition
wt = 1 (appropriate for & independent of temperature)
would imply. The temperature dependence of & is suffi-
cient to result in noticeable displacement upwards.
Glass Temperature of Linear Polyethylene. In the
semicrystalline polymers where experimental access to the
completely amorphous condition can be made, it is clear
the 8 (or «, relaxation, the notation depending on the
presence or absence of a crystalline-phase-dependent «
relaxation) process in the semicrystalline specimens is the
glass—rubber relaxation in the remaining amorphous
fraction. It is much broader and the relaxed modulus is
displaced dramatically upward but it is nevertheless di-
rectly traceable to a glass—-rubber relaxation that occurs
when the material is in the completely amorphous con-
dition. In addition, another relaxation process occurs at
lower temperatures in these polymers whether in the
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semicrystalline or completely amorphous state (and is
largely or completely resident in the amorphous fraction
when semicrystalline). Thus the 4 (or 8 if no crystalline
« is present) relaxation is best described as a subglass
relaxation. The relative lack of sensitivity to morphological
factors>141819.25.26 (presence or absence of crystalline
fraction) and the activation parameters®'®%3 suggest that
the v relaxation has its origin in relatively localized mo-
lecular motions. On the basis of the results of the analysis
of the present work we see no reason whatsoever to exclude
linear polyethylene from this general picture. Describing
its § relaxation as a glass-rubber relaxation is certainly
conceptually attractive and sound, providing several ca-
veats are appreciated. The term rubber is used advisedly
since, although segmental motion has started, immobili-
zation by the crystal phase keeps the relaxed amorp-
hous-phase modulus very high in all semicrystalline
polymers. If a crystalline o process is present, further
relaxation of the amorphous fraction accompanies that
process. To designate the v process as the glass transition
in LPE is justifiable only if one wishes to describe the more
prominent amorphous-phase relaxation as the glass tran-
sition (and exclude the stronger « relaxation on the
grounds above that it represents completion of softening).
However, this unnecessarily places LPE out of context with
respect to other semicrystalline polymers and with respect
to mechanistic origins, and we do not recommend it. Fi-
nally, if one wished to assign T, as a temperature at which
the 3 process central relaxation time (74° in eq 2d) reaches
some suitably large value, then the parameters of Table
IT give values in the neighborhood of -70 °C (for 7’ =
s). This in turn leads to a broad relaxation peak in the
range —60 to —30 °C in 1-Hz isochronal temperature scans.
It is to be emphasized that this figure pertains to the
amorphous fraction as it behaves in crystalline specimens
and not to a free unconstrained amorphous state. The
latter material has been the subject of a number of in-
vestigations involving ultraquenching techniques*”-%? and
appears to have a glass temperature significantly lower
than that in the semicrystalline composite.
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Free Volume and the Kinetics of Aging of Polymer Glasses
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ABSTRACT: A model for predicting the kinetics of the physical aging of polymer glasses is further developed
and is applied to the volume recovery of poly(vinyl acetate). The model is based on the stochastic model
previously described by Robertson. It makes use of the free volume or hole fraction arising from the cell model
developed by Simha and Somcynsky for equations of state of polymer liquids. The volume recovery predictions
computed for poly(vinyl acetate) are compared with the data of Kovacs. Some of the apparent divergence
noted by Kovacs between the effective retardation times on approach to equilibrium at a common temperature

from different temperatures is explained.

Introduction

Physical aging can affect the properties of plastics and
fiber composites years after manufacture. For this reason,
many attempts have been made to describe as well as to
understand the kinetics of the aging process. Several
models exist that can describe many or even most of the
characteristics of physical aging. Those most frequently
applied to aging problems are related! and are the models
of Kovacs®® and of Moynihan.*® These models are phe-
nomenological and attempt only to describe formally the
kinetics of aging. Two other models attempt to explain
the kinetics as well. One if that of Curro, Lagasse, and
Simha,” which is based on a hole diffusion process. The
other is the stochastic model originally suggested by
Robertson.®1!

In this report, the stochastic model will be explored
further. First, we wish to derive the stochastic model for

*Supported by NSF Grant DMR-80-12232, Polymers Program.
tSupported by U.S. DOE DE-AC04-76 DP00789.

volume relaxation using the free volume suggested by
Simha and Somcynsky’s cell model for polymer liquids.!?
The free volume suggested by this model is the hole
fraction that results from the minimization of the config-
urational Helmholtz free energy with respect to the hole
fraction. The use of this definition of free volume and the
resulting temperature coefficient has been shown to yield
very satisfactory predictions of the time-temperature shift
parameters during the aging of poly(methyl methacrylate)
and poly(vinyl acetate) following a downward step in
temperature.!>* Second, we wish to apply the stochastic
model to the volume relaxation of poly(vinyl acetate) and
to compare the computed results with the experimental.
data of Kovacs.!s

Theory

Equation of State and Free Volume. To model the
time-dependent volume contraction and dilatation fol-
lowing changes in temperature, we need the equilibrium
volumes at the respective temperatures, the hole fractions
or free volumes, and the fluctuations in free volume. These
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